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Microstructure and the fracture behaviour
of a Ti–24Al–11Nb intermetallic
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The results of a study of the effects of heat treatment on the microstructure and fracture

behaviour of an a2-based Ti—24Al—11Nb intermetallic are reported in this paper. The effects

of cooling rate, annealing temperature and annealing duration on the microstructure

are discussed in detail. Room- and elevated-temperature fracture mechanisms are

elucidated. Toughening is shown to mainly occur by crack-tip blunting, and to a lesser extent

via crack bridging and crack deflection mechanisms. A new micromechanics model is

presented for the estimation of the shielding due to crack-tip blunting.
1. Introduction
There have been intensive efforts to characterize the
microstructure and fracture properties of a

2
-based

alloys (such as Ti—24Al—11Nb) in recent years [1—16].
The microstructural studies have indicated the poten-
tial for the formation of the ordered a

2
phase based on

the Ti
3
Al (DO

19
crystal structure) [6, 7], the ordered

b
0

structure based on the Ti
3
Al Nb (B2 crystal struc-

ture) [6, 7], an orthorhombic phase with the space
group Cmcm [16], and a b type phase with a B8

2
structure [17]. The microstructural evolution that
occurs in Ti—24Al—11Nb during thermal exposure can
therefore be very complex due to the large number of
phases that can be formed during thermal exposure,
and the influence of microstructure on the mechanical
properties is not fully understood. There is, therefore,
a need for further studies designed to improve our
basic understanding of the relationships between
microstructure and mechanical properties in a

2
-based

titanium aluminides.
The results of a systematic investigation of the ef-

fects of annealing on the microstructure and fracture
behaviour of a

2
#b forged Ti—24Al—11Nb are pre-

sented in this paper. The paper is divided into seven
sections. The processing/heat treatment schedules and
the experimental procedures are summarized in Sec-
tion 2 prior to a discussion on the effects of heat
treatment on microstructure in Section 3. Tensile and
compressive strength are then analysed in Section 4
using simple rule-of-mixture approaches for the es-
timation of tensile strength. This is followed by Sec-
tion 5 in which the intrinsic and extrinsic factors that
control room- and elevated-temperature fracture
toughness are elucidated within a micromechanics
framework. Elevated-temperature crack-tip deforma-
tion and fracture mechanisms also discussed in Sec-
tion 5, prior to an analysis of toughening mechanisms
0022—2461 ( 1997 Chapman & Hall
in Section 6. Salient conclusions arising from this
work are summarized in Section 7. The paper high-
lights the importance of micromechanics concepts in
the rationalization of strength and fracture toughness.

2. Experimental procedures
2.1 Material and microstructures
The material used in this study was supplied by
the Alcoa Research Laboratory, Pittsburgh, PA, in
the form of a billet. It was produced by drop forging
of Ti—24Al—11Nb powder in the a

2
#b phase field.

The resulting pancake had a diameter of 260 mm
and a thickness of 12.3 mm. The forged billet was
subsequently annealed at 1093 °C for 0.5 h, followed
by a fan air cool. This resulted in the as-received
Widmanstätten microstructure with aligned packets
of approximately 3 lm wide elongated a

2
platelets

(Fig. 1). The composition of the as-received (AR)
material is summarized in Table 1. The as-received
alloy had a 0.2% offset yield strength of 464 MPa, an
ultimate tensile strength of 593 MPa, a total strain
to failure of 3.9% and a fracture toughness of
23.4 MPam1@2 at room-temperature.

The effects of heat treatment on microstructure
were investigated using cubic (6.35]6.35]6.35 mm)
metallographic samples that were encapsulated in
evacuated (approx. 10~4 Pa) quartz capsules prior to
annealing. The heat treatment schedules were de-
signed to investigate the following:
(1) the effects of annealing in the a

2
#b phase field;

(2) the effects of cooling rate after annealing in the
b phase field; and
(3) the effects of annealing in the a

2
#b phase field

after prior exposure in the b field.
The metallographic samples were ground with diff-

erent grades of emery paper and polished to a mirror
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TABLE I Actual chemical composition of as-received
Ti—24Al—11Nb (wt %)

Ti Al Nb O C H N

Balance 13.4 22.1 0.075 0.017 0.0042 0.0078

Figure 1 Microstructure of as-received Ti—24Al—11Nb.

surface finish on a 1 lm diamond wheel. The polished
surfaces were then etched in Kroll’s solution for approxi-
mately 10 s, prior to microstructural examination via
optical, scanning and transmission electron micro-
scopy. Further details on the microscopic techniques
are provided in references [1, 2]. Quantitative esti-
mates of the lath sizes and the prior b grain sizes were
obtained using linear intercept techniques [18], and
phase analyses of microstructural constituents was
conducted using X-ray diffraction techniques.

2.2 Mechanical properties
The effects of heat treatment on compressive and
tensile properties were investigated at room- and
elevated-temperatures. The compression and tension
tests were carried out at a strain rate of 5]10~4 s~1.
The compression tests were performed on 6.35]
6.35]6.35 mm cubic specimens at 25, 540, 650 and
760 °C. Tension tests were also conducted at room-
temperature on smooth cylindrical specimens with
a guage diameter of 3 mm. After testing, longitudinal
cross-sections parallel to the axial loading direction in
the deformed compression and tensile specimens were
examined by optical microscopy. Microstructural fea-
tures associated with deformation-induced cracking
were thus identified.

Fracture toughness tests were performed at room-
and an elevated-temperature (800 °C) on single edge
notched (SEN) specimens. The tests were conducted
under three-point bend loading after pre-cracking un-
der far-field compression [19, 20] at a stress range,
*r"r

.!9
!r

.*/
, of approximately 250 MPa, and a

stress ratio, R"r
.*/

/r
.!9

, of 10. After pre-cracking,
the fracture toughness specimens were loaded mono-
tonically to failure at a ramp rate that corresponded
5834
to a stress intensity factor increase rate of
0.92 MPam1@2 s~1 at the crack tips. Resistance curve
experiments were also performed on selected SEN
specimens at room- and elevated-temperature. The
resistance curve experiments were conducted under
load control at 25 and 800 °C. The initial stress inten-
sity factors were increased in 5% increments during
the resistance curve experiments. Failure modes were
examined in all the tensile and fracture specimens via
scanning electron microscopy (SEM).

Crack-tip deformation mechanisms were examined
in the resistance curve specimens using crack-tip trans-
mission electron microscopy (TEM) techniques. The
TEM specimen preparation was rather difficult, and it
involved the preparation of TEM foils (diameter ap-
proximately 3 mm) by dimpling and ion milling. The
crack tips were positioned at distances that correspon-
ded to less than one cyclic plastic zone size from the
centres of the TEM foils, which were examined under
a TEM operated under a beam voltage of 200 kV.
Further details on the TEM specimen preparation
techniques are given in references [2, 20].

3. Microstructure
3.1 Effects of annealing in the a

2
#b

phase field
The effects of annealing in the a

2
#b phase field in

Ti—24Al—Nb are similar to those reported previously
for conventional a

2
#b titanium alloys [21]. How-

ever, some unique microstructural features were also
observed as discussed in this section. Annealing of
Ti—24Al—11Nb in the a

2
#b phase field at 815 and

982 °C did not result in significant coarsening of the a
2

laths, and the average lath widths were approximately
3 lm before and after annealing at these temperatures
(Fig. 2a and b). The alignment of the a

2
laths within

the Widmanstätten colonies was maintained after an-
nealing in the a

2
#b phase field. X-ray diffraction

revealed that a small amount of orthorhombic phase
[16] was formed after annealing in the a

2
#b phase

field at temperatures between 815—1093 °C
More complex or prolonged thermal exposures in

the a
2
#b phase field resulted in changes in micro-

structure (Fig. 3a—d). Prolonged annealing at 800 °C
for 100h resulted in coarsening of the a

2
laths

(Fig. 3a). The Widmanstätten structure of the
as received material, was, therefore stable at this tem-
perature. Annealing at 1050 °C, followed by water
quenching, led to the formation of a structure consist-
ing of primary and Widmanstätten a

2
grains (Fig. 3b).

Also, annealing at 1100 °C, followed by furnace cool-
ing, resulted in a refined Widmanstätten microstruc-
ture (Fig. 3c), while heat treatment at 1100 °C/
0.67 h/WQ#1000 °C/0.5 h/AC#800 °C/4h/AC,
resulted in a structure consisting of primary a

2
and

secondary a
2
#b (Fig. 3d). Note AC stands for air

cool, WQ for water quench, FC for furnace cool.

3.2 Effects of cooling rate
Cooling rate had a strong effect on microstructure
after annealing in the b phase field (Fig. 4a—c). With



Figure 3 Effects of prolonged annealing in the a
2
#b phase field on microstructure (a) 800 °C/100 h/AC, (b) 1050 °C/20 h/WQ, (c)

1100 °C/2 h/FC, and (d) 1100 °C/0.67 h/WQ#1000 °C/0.5 h/AC#800 °C/4 h/AC. AC"air cool, FC"furnace cool.

Figure 2 Effects of annealing in the a
2
#b phase field on microstructure (a) 815 °C/5.5 h/AC and (b) 982 °C/4 h/AC. AC"air cool.
the exception of fan air cooling, fast cooling from the
b phase field, followed by air cooling (AC) or water
quenching in quartz capsules (WQ), resulted in the
formation of subgrains within large (700—1000 lm)
prior b grains (Fig. 4a and b). The sub-grains are more
clearly visible in the microstructure of the water quen-
ched sample (Fig. 4a), and are presumed to form as
a result of strain accommodation due to possible dis-
location interactions that can occur during fast cool-
ing from the b phase field.

Very fine acicular a
2

laths were observed at the
boundaries of the prior b grain boundaries of the
specimens that were subjected to fast cooling from
the b phase field (Fig. 4a and b). The observed laths
appear to have a well defined orientation relationship
with the prior b grain boundaries, and are arranged in
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Figure 4 Effects of cooling rate from the b phase field on micro-
structure (a) 1200 °C/0.5 h/WQ, (b) 1200 °C/0.5 h/AC, and (c)
1200 °C/0.5 h/FC

approximately parallel strips in the vicinity of the
prior b grain boundaries. This is in contrast to the
randomly oriented fine a

2
laths that are observed at

the subgrain boundaries (Fig. 4a and b). The a
2

lath
widths also increased with decreasing cooling rate
from the b phase field (Fig. 4a—c), and furnace cool-
ing from the b phase field resulted in the formation of
an inhomogeneous basket weave microstructure
(Fig. 4c).

3.3 Effects of annealing in the a
2
]b phase

field after b heat treatment
Water quenching and fan air cooling from the b phase
field, followed by ageing in the a

2
#b phase field, was

found to promote the formation of cracks within the
allotriomorphs that were formed along the prior
b grain boundaries (Fig. 5a and b). However, the a

2
lath widths within the prior beta grains did not signifi-
cantly coarsen during such exposure, and the resulting
5836
lath widths were comparable to those observed in the
as-received material (Figs 1 and 5a and b). Pro-
longed annealing in the a

2
#b field at 650 °C led to

the decomposition of the microstructures produced
after fan air cooling from the b phase field (Fig. 5c).
Note that the lighter regions in Fig. 5c are a

2
rich/b

depleted zones within the prior beta grain boundaries.
The microstructures produced by fast cooling from
the b field and ageing in the a

2
#b field are therefore

unstable. In contrast, the Widmanstätten (Fig. 5d
and e) and basketweave (Fig. 5f) structures produced
respectively by air and furnace cooling from the
b field, and annealing in the a

2
#b field, remain rela-

tively stable during thermal exposure in the a
2
#b

field at 650 °C for 24 h.

4. Tensile and compressive properties
4.1 Compression
The 0.2% offset yield strengths obtained at room- and
elevated-temperature are summarized in Tables II and
III. Attractive elevated-temperature strengths were
retained at temperatures up to 760 °C. The room-
temperature compression strength of the as-received
material was also reduced by 40—80 MPa upon
annealing, and a difference of approximately 150 MPa
was observed between the room- and elevated-tem-
perature compression strengths in the different micro-
structural conditions that were examined. With the
exception of the anomalously high compression strength
obtained at 760 °C for material annealed at 1200 °C/
0.5 h/AC#815 °C/8 h/AC, the compression strengths
were similar in all the microstructural conditions that
were tested at temperatures between 540—760 °C. It is
also important to note that there was very little
()0.015 wt %) interstitial oxygen pick-up during test-
ing at elevated temperature in air. Hence, the observed
trends in the compression strength data are attributed
mainly to the effects of microstructural changes.

Longitudinal cross-sections of the deformed com-
pressive specimens revealed considerable evidence of
cracking in most of the plastically deformed cubic
samples (Fig. 6a—c). However, cracking was not ob-
served in all the deformed samples (Fig. 6d and e),
and the extent of cracking appeared to increase with
increasing volume fraction of the b depleted zones
(Fig. 6a—c). It is also clear from Fig. 6a—c that
stable crack growth is retarded in the b depleted zones
(lighter regions in Fig. 6a and b) and the regions
containing thick a

2
allotriomorphs at the prior b grain

boundaries of material annealed at 1200 °C/0.5 h/
AC#760 °C/8h/AC (Fig. 6c). Such retardation may
strengthen/toughen the material. Compressive defor-
mation in Ti—24Al—11Nb therefore appears to pro-
mote discontinuous cracking prior to specimen
rupture. The ultimate compressive strengths will there-
fore largely depend on the propagation and coalescence
of the multiple cracks across the specimen widths.

4.2 Tension
The room-temperature tensile properties are sum-
marized in Table III. The attractive total strain to



Figure 5 Effects of annealing in the b and a
2
#b phase fields on microstructure (a) 1200 °C/0.5 h/WQ#760 °C/8 h/AC, (b) 1200 °C/

0.5 h/WQ#815 °C/8 h/AC, (c) 1200 °C/0.5 h/FAC#650 °C/24 h/AC, (d) 1200 °C/0.5 h/AC#760 °C/8 h/AC, (e) 1200 °C/0.5 h/AC#

815 °C/8 h/AC, and (f) 1200 °C/0.5 h/FC#815 °C/8 h/AC.
TABLE II Effects of heat treatment on elevated-temperature com-
pressive strengths

Heat treatment 0.2% offset compressive
yield strength (MPa)

540 °C 650 °C 760 °C

1200 °C/0.5 h/AC#760 °C/8 h/AC 448 453 483
1200 °C/0.5 h/AC#815 °C/8 h/AC 486 454 640
1200 °C/0.5 h/FC#760 °C/8 h/AC 454 430 371
815 °C/5.5 h/AC 437 438 369
982 °C/4 h/AC 384 408 338

AC"air cool, FC"furnace cool

failure (3.9%) of the as-received material was not re-
tained after most of the heat treatments. However,
a total strain to failure of 2.1% (1.4% plastic strain)
was obtained after annealing at 1200 °C/0.5 h/
FC#760 °C/8 h/AC. This heat treatment, unlike all
the others shown in Table III, resulted in improved
tensile strengths (r

:4
"521 MPa and UTS"

665 MPa). There was no clear correlation between
(optical) microstructure and tensile strength (Table
III), which suggests that the loss of strength and duc-
tility was due to substructural changes. The loss of
room-temperature ductility may also have been partly
induced by the formation of the orthorhombic phase
[16] that was detected by X-ray diffraction after an-
nealing at temperatures between 815—1093 °C. How-
ever, further work is needed to verify this speculation.

Estimates of the strength, r, of Ti—24Al—11Nb can
be obtained by idealizing the materials as two-phase
composites, consisting of a

2
and b phases. The

strengths of the composites are thus given by simple
rule-of-mixtures, which yields:

r"fara#fbrb (1)
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where subscripts a and b denote a and b phases, and
f is the volume fraction. The constituent properties
can be obtained from reference [22], which gives r

:a
"

540 MPa and r
:b
"695 MPa at room temperature.

Note that the single phase alloys in reference [22]
fracture before yield. Nevertheless, the above data was
used to obtain estimates of the ‘‘yield’’ strengths of
Ti—24Al—11Nb in selected microstructural conditions.
The predictions obtained by substitution of the single-
phase strength data into Equation 1 are summarized
in Table III. The predicted yield strengths were gener-
ally within $12% of the measured values in the
as-received material. Similar agreement was also ob-
tained between the theoretical predictions and the
measured strengths in the material that was air cooled
from 1200 °C, prior to annealing in the a

2
#b phase

field. However, significant differences were observed
between the predicted and measured strengths of the
material that was furnace-cooled from 1200 °C, and
the materials that were annealed solely in the a

2
#b

phase field (Table III).
The longitudinal cross-sections of the tensile speci-

mens revealed evidence of extensive microcracking
within the deformed gauge sections. This is shown in
Fig. 7a—e. Cracking was observed to occur in the
beta matrix and across the a

2
grains, and there was

evidence of multiple crack initiation from the a
2

case
that was observed on the sides of the tensile specimens
(Fig. 7a). Final fracture occurred by the coalescence of
multiple microcracks (Fig. 7b, d and e). It is interest-
ing to note here that a lower incidence of cracking was
observed in materials that exhibited some plastic
strain to failure (Fig. 7e) than that in the material that
fractured before yield (Fig. 7a—d). However, in general,
the fracture behaviour of Ti—24Al—11Nb was found to
largely depend on the propagation and coalescence of
microcracks that were initiated mainly in the beta
depleted zones.

Typical fracture surface morphologies observed in
the tensile specimens are presented in Fig. 8(a—f ). Fail-
ure generally occurred by transgranular cleavage after
annealing in the a

2
#b phase field (Fig. 8a—c). Such

annealing resulted in highly faceted transgranular
cleavage fracture modes with river lines that are char-
acteristic of cleavage fracture. Annealing at 1200 °C/
0.5 h/FC#760 °C/8 h/AC resulted in a transgranular
cleavage fracture mode and fluting across the bound-
aries of the a

2
grains (Fig. 8d). Such fluting may be due

to the effects of crack-tip blunting by the matrix beta
phase. However, further work is needed to verify this
speculation. Also, b heat treatment followed by air
cooling and annealing in the a

2
#b phase field result-

ed in a rough transgranular cleavage fracture mode
(Fig. 8e and f).

5. Fracture toughness
The room-temperature fracture toughness data are
summarized in Tables III and IV. The highest room-
temperature fracture toughness value of 23.4
MPam1@2 was obtained in the as-received condition.
This high fracture toughness value was also associated
with the highest b volume fraction (Table III). The



Figure 6 Longitudinal cross-sections of compression specimens deformed at 25 °C (a—c) 1200 °C/0.5 h/AC#760 °C/8 h/AC, (d)
1200 °C/0.5 h/AC#815 °C/8 h/AC, and (e) 815 °C/5.5 h/AC.
fracture toughness of the as-received material in-
creased to 28 MPam1@2 at 700 °C. The relatively high
fracture toughness of 19.8 MPam1@2 obtained by
annealing at 1200 °C/0.5 h/FC#760 °C/8 h/AC was
associated with an inhomogeneous basket weave
microstructure (Fig. 5f) and a very rough transgranu-
lar cleavage fracture surface morphology (Fig. 9a and
b). Less tortuous crack paths were observed in the
other microstructures that were examined, and failure
generally occurred by a relatively flat transgranular
cleavage fracture mode (Fig. 9c and d). The basket
weave structure (Fig. 4f) formed after annealing at
1200 °C/0.5 h/FC#760 °C/8 h/FC had a fracture
toughness of 19.8 MPam1@2. The basket weave micro-
structure and fracture toughness were largely retained,
even after subsequent thermal exposure in the a

2
#b

field at 650 °C for 100 h, which resulted in a fracture
toughness of 18.8 MPam1@2.

Annealing at 800 °C for 100 h, followed by an air
cool (Fig. 3a), resulted in a significant loss of room-
temperature fracture toughness from approximately
24 to 13 MPam1@2. The same heat treatment resulted
in a fracture toughness of 36 MPam1@2 at 700 °C.
However, the mixed primary a

2
/Widmanstätten struc-

ture formed after annealing at 1050 °C and water
quenching (Fig. 3b) had a room-temperature fracture
toughness of 20 MPam1@2 . This structure resulted in
a fracture toughness of 30 MPam1@2 at 700 °C. The
Widmanstätten structure formed after annealing at
1100 °C and furnace cooling (Fig. 3c) had a fracture
toughness of 17 MPam1@2 at room-temperature, and
a fracture toughness of 20 MPam1@2 at 700 °C.
Similarly, the mixed primary a

2
/a

2
#b structure

formed after annealing at 1100 °C/0.67 h/FC#

1000 °C/0.5 h/FC#800 °C/4 h/AC (Fig. 3d) had a
room-temperature fracture toughness of 15 MPam1@2,
and a fracture toughness of 32 MPam1@2 at 700 °C
(Table IV).

Fracture toughness therefore significantly in-
creased with increasing temperature in the selected
5839



Figure 7 Longitudinal cross-sections of tensile specimens deformed
at 25 °C (a) 1200 °C/0.5 hAC#760 °C/8 h/AC, (b) 1200 °C/
0.5 h/AC#815 °C/8 h/AC, (c) 815 °C/5.5 h/AC, (d) 982 °C/4 h/AC,
and (e) 1200 °C/0.5 h/FC#760 °C/8 h/AC

tions between the a
2

and b phases (Fig. 11a). The
interfaces between the two phases may therefore act as
sinks and sources of dislocations (Fig. 11a), thereby
promoting increased levels of bulk plasticity [32]. The
crack-tip TEM analysis revealed the existence of tan-
gled dislocation loops and straight dislocation
segments in the specimens that were tested at ele-
microstructural conditions that were examined. This
increase is partly attributed to the higher levels of
plasticity (increase in slip activity) at elevated-temper-
ature [31]. However, fracture at elevated-temperature
was associated with cleavage (Fig. 10a) and inter-
granular (Fig. 10b) failure modes, in spite of the in-
creased plasticity. Intergranular failure occurred
across the prior beta grains in the fracture toughness
specimens that were tested at elevated-temperature.
Planar slip markings were also observed on the
cleaved a

2
facets, and evidence of plastic stretching

was observed in the beta phase (Fig. 10a). Profuse
microcracking was generally associated with stable
crack growth at elevated-temperature (Fig. 10c), and
the extension of the main crack occurred via crack
coalescence (Fig. 10c), as observed in a recent study by
Davidson et al. [15]. The microcrack distributions
may promote shielding or anti-shielding, depending
on their spatial configurations.

The crack-tip TEM analysis of the resistance curve
specimens revealed the existence of interfacial disloca-
5840
vated-temperature (Fig. 11b). Such dense dislocation
networks were not observed in previous crack-tip
deformation studies at room-temperature [2], or in
the undeformed microstructures that were examined
after processing and/or heat treatment (Fig. 11c). The
higher elevated-temperature fracture toughness levels
may therefore be partly attributed to the higher levels
of plasticity. These contribute to the observed differ-
ences in the room- and elevated-temperature R-curve
behaviour shown in Fig. 12a and b. However, im-
proved understanding of the trends in the fracture
toughness and R-curve data requires some considera-
tion of the toughening mechanisms, which are dis-
cussed in detail in the next section.

6. Toughening mechanisms
6.1 Introduction
The role of intrinsic and extrinsic crack-tip shielding
mechanisms will be examined in this section using
micromechanics models. The models will be used for
the assessment of crack-tip blunting, crack bridging,
crack deflection and micro-crack shielding/anti-



Figure 8 Fracture surface morphologies of smooth cylindrical specimens deformed to failure in tension at room-temperature (a)
982 °C/4 h/AC, (b, c) 815 °C/5.5 h/AC, (d) 1200 °C/0.5 h/FC#760 °C/8 h/AC, and (e, f) 1200 °C/0.5 h/AC#760 °C/8 h/AC.
TABLE IV Comparison of room- and elevated-temperature frac-
ture toughness data

Heat treatment/condition Fracture toughness (MPam1@2)

25 °C 700 °C

As-received 23 28
800 °C/100 h/AC 13 36
1050 °C/20 h/AC 20 30
1100 °C/2 h/FC 17 20
1100 °C/0.67 h/WQ# 15 32
1000 °C/0.5 h/AC#

800 °C/4 h/AC

shielding [23—30]. Two methods will be presented for
the estimation of the shielding due to crack-tip blunt-
ing by the b phase. These include: a new micro-
mechanics model, and a model developed by Chan
[23]. Due to complexities associated with the possible
effects of time-dependent plasticity effects at elevated-
temperature, the discussion will focus on the analysis
of toughening at room-temperature. Toughening pre-
dictions will be presented for selected microstructures
with continuous and discontinuous b phases.

6.2 Crack-tip blunting
6.2.1 Chan’s model
Chan’s model [23] was originally developed to assess
the effects of crack-tip blunting on the fracture tough-
ness of Ti—24Al—11Nb. He argued that although fracto-
graphic analysis generally revealed cleavage-like
features in Ti—24Al—11Nb, the fracture could be
considered as a ductile process since the fracture ap-
pearance was the result of cracking along planar slip
bands via processes involving localized plastic
deformation and high normal stresses (in the slip
band). Thus, by assuming that fracture is controlled by
a critical strain criterion, he postulated that the
5841



Figure 9 Fracture surface morphologies of room-temperature fracture toughness specimens annealed in the b and/or a
2
#b phase fields (a, b)

1200 °C/0.5 h/FC#760 °C/8 h/AC and (c, d) 1200 °C/0.5 h/AC#760 °C/8 h/AC.
Figure 10 Typical failure modes in as-received elevated-temper-
ature toughness specimen (a) planar slip/cleavage in a

2
grains and

plastic stretching of b phase; (b) intergranular fracture; and (c)
profuse microcracking.

below [34]:
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near-tip effective strain distribution in the matrix/
composite in a ductile phase reinforced brittle matrix
composite could both be described by Hutchinson—
Rice—Rosengren (HRR) field expressions given
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where subscripts m and c represent matrix and com-
posite respectively, superscript y represents yield



Figure 11 TEM Images of typical crack-tip and undeformed re-
gions in as-received material. (a) Interfacial dislocations in crack-tip
region, (b) straight and bowed dislocations in crack-tip region, and
(c) low dislocation density in undeformed material.

stress, J
.

and J
#

are path independent parameters
(J integrals) that vary with the applied load, crack
length, and the geometry of the specimen, I

/.
and

I
/#

are numerical constants the values of which depend
on the stress relation of the material, e6 (h, n

.
) and

e6 (h, n
#
) are also numerical constants related to the

angle away from the crack plane at a particular
n value, a

.
, a

#
, n

.
and n

#
are constants in the Ram-

berg—Osgood stress strain relation which is given by:

e

e
:

"

r

r
:

#aC
r

r
:
D
n

(4)

where r
:
and e

:
are yield stress and strain respectively,

n is the strain hardening exponent, and a is a dimen-
sionless material constant. The second term on the
right side of Equation 4 describes the plastic or non-
Figure 12 Resistance curves after heat treatment obtained at
(a) 25 °C. Key: (j) as received (AR: 1093 °C/0.5 h/FAC),
(r) AR#800 °C/100 h/AC, (e) AR#1150 °C/20 h 50 min/WQ,
(d) AR#1050 °C/20 h/BWQ, (.) AR#1100 °C/2 h/FC and
(m) AR#1100 °C/40 min/BWQ#1000 °C/0.5 h/AC#800 °C/4 h/
AC and (b) 700 °C: Key: (j) as received (AR: 1093 °C/0.5 h/
FAC), (r) AR#800 °C/100 h/AC, (m) AR#1150 °C/2 h 50 min/
WQ and (d) AR#1050 °C/20 h/BWQ. Note: FAC, far air cooled;
AC, air cool; FC, furnace cool; BWQ, bath water quench.

linear behaviour. By assuming that the stress strain
behaviour is the same in both the matrix and
5843



composite, i.e., a
.
"a

#
"a and n

.
"n

#
"n, the fol-

lowing expression is obtained by dividing Equation
3 by Equation 2:
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sides of the resulting equation, Equation 5 reduces to:
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The toughening ratio, which is defined as the ratio of
the applied stress intensity factor to the stress intensity
factor in the matrix, is thus given by:
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where k
"

is the toughening ratio due to crack tip
blunting, K

=
is the applied stress intensity factor.

Other terms have been defined previously. The above
equation for the toughening ratio for crack-tip blunt-
ing, k

"
, may also be expressed as:

k
"

"

K
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K
.
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with
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and
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(10)

where K
.

is the fracture toughness of the a
2

matrix
[31], r

:
is the yield stress, e

&
is the fracture strain, N is

the inverse of the strain hardening exponent, n, E
.

is
the matrix modulus and subscripts a and b denote
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a and b phases, respectively. Comparisons of the ten-
sile properties of a single phase a

2
[31] and b [33, 34]

titanium alloys suggests that appropriate values for
& and " are 1.2 and 5, respectively. By substituting
these values of & and ", and n"18 into Equation 8, it
is easy to compute the toughening ratio, k

"
, and the

fracture toughness due to blunting, i.e.,

K
"

" k
"
K

.
(11)

The predicted fracture toughness values due to blunt-
ing by the b phase, K

"
, are compared with the

measured fracture toughness values in Table V. As in
previous studies [1, 23], there is good agreement be-
tween the predicted toughness due to crack-tip blunt-
ing and the measured fracture toughness values in
materials with continuous b phase. However, the pre-
dicted fracture toughness values are greater than the
measured values in the materials with discontinuous
b phase. The good agreement between the predicted
K

"
and the measured K

I#
values in material with

continuous b phase suggests that toughening in
Ti—24Al—11Nb is largely due to the intrinsic effects of
crack-tip blunting mechanisms. However, the pre-
dicted fracture toughness values, K

"
, are generally less

than the measured fracture toughness values, K
I#
.

The differences between the measured and predicted
fracture toughness values are attributed to potential
crack-tip shielding by crack bridging [23], deflection
[24, 25], and microcracking [26—29] mechanisms.
The differences between the measured and predicted
data are also partly due to experimental scatter and
inherent limitations of the above crack-tip blunting
model. A new model was therefore developed in an
attempt to improve the overall accuracy of the frac-
ture toughness predictions.

6.2.2. The new model
Chan’s original work [23] treated the crack-tip blunt-
ing in a Ti—24Al—11Nb alloy in which the fracture
strain for the hard a

2
phase was approximately 5%.

However, the a
2

phase is generally known to undergo
much less plastic deformation than the a

2
#b

Ti—24Al—11Nb material. Hence, the assumption that
the HRR field can be used to describe the near tip
strain field both in the composite and the matrix may
not be fully valid. In fact, due to the brittle nature of
TABLE V Comparison of toughening predictions from the Chan model [23] and the new model

Heat treatment/condition b phase Intrinsic toughening New model Measured fracture
Chan model toughness K

IC
b Continuous

k
"

*K
"

k
"

*K
"

(MPam1@2)
volume b phase

(MPam1@2)
(MPam1@2)

fraction yes/no

As-received (1093 °C/0.5 h/FAC) 26 Yes 1.56 7.0 1.64 7.6 23.4
1200 °C/0.5 h/AC#760 °C/8 h/AC 16 No 1.32 4.0 1.45 5.6 12.1
1200 °C/0.5 h/AC#815 °C/8 h/AC 16 No 1.32 4.0 1.45 5.6 14.1
1200 °C/0.5 h/FC#760 °C/8 h/AC 22 Yes 1.41 5.1 1.57 7.1 19.8
815 °C/5.5 h/AC 18 Yes 1.38 4.8 1.50 6.3 17.9
982 °C/4 h/AC 21 Yes 1.40 5.0 1.55 6.9 18.4

NOTES: K
.
"Matrix fracture toughness"12.5 MPam1@2 [22]. FAC"fan air cooled, AC"air cool, FC"furnace cool



the matrix, an elastic crack-tip stress field is more
likely to describe the stress distribution in the matrix
[34]. In the plastic region, the strain field in the com-
posite can be described by the HRR expression given
in Equation 2. In the elastic region, the strain in the
composite is:
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e6 (h) (12)

where K
#

and E
#

are the stress intensity factor and
Young’s modulus of the composite, e6

#
(h) is a function

of orientation, and r is the distance from the crack-tip.
Equations 3 and 12 can be reformulated as:
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For the matrix, the near-tip strain field can be
expressed as:
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Hence, the modified blunting toughening ratio is given
by:
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Toughening ratio estimates obtained from the modi-
fied crack-tip blunting model are compared with those
obtained from Chan’s model [23] in Table V. The
toughening ratio predictions obtained from the new
model are slightly higher than those predicted by the
Chan model [23]. This result is intuitively obvious
since the HRR field expressions may overestimate the
crack-tip fields in an elastic material. Conversely, the
assumption of purely elastic behaviour in the brittle
matrix material is likely to underestimate the actual
crack-tip fields in nearly elastic materials. The most
representative toughening ratios are therefore likely to
be in between those predicted by the Chan model [23]
and the new model. Nevertheless, the new model
will be used in subsequent discussion, since it is likely
to provide a better representation of the crack-tip
stress field in the brittle a

2
matrix than the Chan

model [23].
6.3 Crack bridging
Extrinsic toughening due to crack bridging by the
b phase has been shown to occur in Ti—24Al—11Nb
[23]. This can be modelled using the following expres-
sion derived by Budiansky et al. [30] for the toughen-
ing ratio, k

"3
, due to plastic stretching of b ligaments

with a fracture stress, r
&
:
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where ¸ is the length of the b bridge which is approx-
imately equal to the average length of the elongated a

2
grains, and »

&
is the b volume fraction. Predictions of

the ‘‘extrinsic’’ toughening ratio, k
"3

, and the fracture
toughness, *K

"3
, are summarized in Table VI. These

show quite clearly that the toughening contributions
due to crack bridging by b ligaments are much less
than those due to crack-tip blunting. However, the
toughening due to crack bridging, *K

"3
, can be used

to explain the fracture toughness values of the mater-
ials with discontinuous b phase, e.g., the materials that
were annealed at 1200 °C/0.5 h/AC#760 °C/8 h/AC
or 1200 °C/0.5 h/AC#815 °C/8 h/AC (Table VI).

The combined intrinsic and extrinsic toughening
due to the presence of the b phase can be estimated
using the principle of superposition. However, the
predicted overall fracture toughness values are gener-
ally below the measured fracture toughness values.
This indicates the potential significance of the crack
deflection [24, 25] and microcrack shielding [26—29]
mechanisms which will be discussed in the next two
sections.

6.4 Crack deflection
Crack-tip shielding due to deflection can be estimated
from the mode I and mode II stress intensity factors,
K

I
and K

II
, induced at the crack-tip as a result of

deflection via tilting through an angle /[24, 25]. This
results in K

I
and K

II
values that are given by:

K
I
" cos2(//2)K

=
(21)

and

K
II

" sin(//2) cos2(//2)K
=

(22)

Equations 21 and 22 can be combined to obtain the
following expression for k

$
, the toughening ratio due

to crack deflection:

k
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K
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(23)

Predicted toughening increments, *K
$
, based on k

$
are presented in Table VI. These show that crack
deflection has only a small effect of crack-tip shielding
levels. This was largely due to the fact that the deflec-
tion angles were generally too small to induce signifi-
cant levels of crack-tip shielding. Nevertheless, it is
important to note that although crack deflection did
not result in significant crack-tip shielding, it does
appear to account for most of the differences between
5845
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the measured fracture toughness values and the
toughening due to combined effects of crack bridging
and crack-tip blunting by the b phase, as shown in
Table VI.

6.5 Micro-crack shielding/anti-shielding
The final extrinsic toughening mechanisms that can be
of interest involves crack-tip shielding by microcracks
in the wake of the crack tip. The shielding due to
microcracks has been modelled by a number of inves-
tigators for single [26] and multiple [27—29] cracks.

Since only a limited number of microcracks with
relatively wide separations were observed at room-
temperature, the shielding effects of the microcracks at
room-temperature can be treated individually using
the analysis due to Rose [26] in which the change in
the stress intensity of the dominant crack, *K

i
, is

given by:
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where 2S is the length of the microcrack located at
radial distance, R

1
, and an angle of #

1
, from the crack

tip, a
1
, is the orientation of the microcrack with re-

spect to the stress axis, and the values of
F
*
(S, R

1
, h

1
, a

1
, *rP

*
) are given by polynomial expres-

sions due to Rose [26]. The toughening ratio due to
microcracking k

.
is given by:
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where k
.

in Equation 25, is less than unity, then
microcracks ahead of the crack tip result in embrittle-
ment or anti-shielding. Conversely, values of k

.
greater than unity result in toughening by the micro-
cracks. The extent of anti-shielding or extrinsic
toughening largely depends on the angle between the
microcracks and the dominant crack [26]. The angle,
#

1
, was observed to be close to zero, and only a small

amount of anti-shielding was predicted in the micro-
structures that were examined. The shielding contri-
butions from microcracking are therefore negligible at
room-temperature. However, micro-crack shielding
may be important at elevated-temperature, although
its effects are difficult to quantify due to the complex
configurations of microcracks that are generally ob-
served at elevated-temperature (Fig. 10c). Further
work is clearly needed to develop the tools for the
assessment of toughening components at elevated-
temperature.

7. Conclusions
(1) Annealing of the as-received material solely in the
a
2
#b phase field at 815 and 982 °C does not result in

significant coarsening of the a
2

laths in the Widman-
stätten microstructure that is produced after the
a
2
#b processing and fast cooling. However, such



annealing promotes significant degradation of
strength and ductility, presumably as a result of sub-
structural or submicroscopic changes.
(2) Fast cooling from the b phase field promotes the
formation of subgrains within the prior b grains.
These subgrains are presumed to form as a result of
strain accommodation during quenching from the b
phase field, and are annealed out during further ther-
mal exposure at 760 and 815 °C. Randomly oriented
a
2

laths are nucleated at the subgrain boundaries, and
parallel strips of a

2
laths are nucleated at the prior

b grain boundaries after fast cooling from the b phase
field. Annealing in the a

2
#b phase field after quench-

ing from the b phase field promotes the formation of
cracks at prior b grain boundaries.
(3) Prolonged annealing in the a

2
#b phase field,

after fast cooling from the b phase field, promotes the
formation of grain boundary a

2
allotriomorphs and

significant microstructural decomposition. This is ac-
companied by the formation of the orthorhombic phase
after annealing at temperatures between 815—1093 °C.
However, a relatively stable basketweave microstruc-
ture, with a good balance of properties, is obtained by
furnace cooling from the b phase field and annealing
in the a

2
#b phase field at 760 °C.

(4) The compression strengths are similar in the
materials with the Widmanstätten and basket weave
microstructures. Compression strengths for these
microstructures decrease from approximately
620 MPa at 25 °C, to approximately 450 MPa at elev-
ated temperatures between 540—760 °C. Damage in
compression involves the initiation, linkage, and
growth of microcracks. Similar damage modes are
observed in the room-temperature tensile specimens.
(5) Toughening in Ti—24Al—11Nb with continuous
b microstructures is largely due to crack-tip blunting
by the b phase. However, the shielding contributions
from crack bridging and crack deflection must also be
considered for a complete rationalization of the meas-
ured fracture toughness data. Toughening in material
with discontinuous b phase can be explained by con-
sidering the combined effects of crack bridging and
crack deflection. Improved elevated-temperature frac-
ture toughness is attributed to higher levels of crack-
tip plasticity, and the possible effects of microcracking
shielding at elevated-temperature.
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